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Abstract
The age-hardening response at 300 °C of Al–0.06Sc–0.02RE (at.%, with RE = Tb, Ho, Tm or Lu) is found to be similar to that of
binary Al–0.08Sc (at.%), except that a shorter incubation period for hardening is observed, which is associated with nanoscale RE-rich
Al3(RE1xScx) precipitates. In addition, Al–0.06Sc–0.02Tb (at.%) has a much lower peak microhardness than that of Al–0.08Sc (at.%)
due to the small solubility of Tb in a-Al(Sc). Peak-age hardening occurs after 24 h, and is associated with a high number density of nanoscale Sc-rich Al3(Sc1xREx) precipitates. Analysis by three-dimensional local-electrode atom-probe tomography shows that x increases
with increasing atomic number, and that the REs partition to the core of the precipitates.
Ó 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Small additions of Sc to Al result in the formation of a
high number density (as high as 1022 m3) of elastically stiﬀ
Al3Sc (L12 structure) precipitates that are coherent with the
a-Al matrix, which impart strength to the alloy [1–6]. On a
per-atom basis, Sc has the greatest strengthening eﬀect of
any existing alloying addition to Al [7]. The Al3Sc precipitates coarsen slowly up to 300 °C, imparting good creep
resistance in coarse-grained cast alloys [1–3,6,8–13].
Ternary additions to Al–Sc alloys improve mechanical
properties by solid-solution strengthening as in the case
of Mg [14–18], or by substituting for Sc in Al3Sc precipitates as in the cases of Ti and Zr [19–22]. In addition to
these transition metals, the late lanthanoids also exhibit
substantial solubility (Gd–Ho) to complete solubility (Er–
Lu) in Al3Sc [23–25], as a result of possibly substituting
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on the Sc sublattice in Al3Sc [26]. An element that substitutes for Sc in Al3Sc should have the following characteristics if it is to be eﬀective for high-temperature applications:
(i) to facilitate precipitation from a solid solution, it should
have a solubility in a-Al on the order of hundreds of at.
ppm at the alloy homogenization temperature, but low solubility at aging and service temperatures [27]; (ii) to limit
the rate of precipitate coarsening, it should have a small
diﬀusivity in a-Al; (iii) to increase creep resistance, it
should increase the lattice parameter mismatch to maximize elastic interactions between precipitates and dislocations; and (iv) to decrease the price of the alloy, it should
be less expensive than Sc. Many of these characteristics
are exhibited by the late lanthanoids [24–26,28,29].
In a recent atom-probe tomography (APT) study of six
ternary Al–0.06Sc–0.02RE alloys (RE = Y, Sm, Gd, Dy,
Er or Yb; concentrations hereafter are in at.% unless otherwise noted), it was shown that REs substitute for Sc in the
nanoscale L12 trialuminide precipitates, resulting in an
aging microhardness response at 300 °C generally similar
to that of a binary Al–0.08Sc alloy with the same solute
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concentration [30]. Several exceptions were noted. First,
Al–Sc–Sm and Al–Sc–Gd alloys have lower peak strengths
than Al–0.08Sc due to the lower solubility of these elements
in Al3Sc as compared to the other REs studied, and due to
the precipitation of micron-scale Al–Sm precipitates at the
grain boundaries in the Al–Sc–Sm alloy. Second, a very
rapid initial increase in the microhardness of Al–Sc–Yb
occurred, attributed to the experimentally observed clustering of Yb atoms at early aging times (including the asquenched state). As compared to Sc, Yb has a diﬀusivity
in Al at 300 °C that is three orders of magnitude greater
[31], promoting rapid decomposition of the supersaturated
solid-solution and growth of the precipitates.
In this study, we complete the above study by exploring
the microhardness response and microstructural changes
occurring during aging of ternary Al–0.06Sc–0.02RE
alloys, where REs are the remaining four Al3Sc-soluble late
lanthanoids (Tb, Ho, Tm, Lu), which were not studied previously [30]. In this and the prior study, the small nominal
RE concentration was chosen to increase the probability of
achieving a single-phase a-Al state during homogenization,
as the exact solubilities of these REs in Al are small but
unknown. Tb and Ho are moderately expensive (1/10
the price of Sc) but only partly soluble in Al3Sc, whereas
Tm and Lu are more expensive (1/3 the price of Sc) but
fully soluble in Al3Sc [32]. The study of these unexplored
ternary alloys is interesting both technologically, as substitution of Sc by RE reduces the cost of Al–Sc alloys, and
scientiﬁcally, as it permits a more complete examination
of trends among REs in dilute Al–Sc–RE alloys.
2. Materials and methods
Four Al–0.06Sc–0.02RE alloys (RE = Tb, Ho, Tm, Lu)
were dilution-cast from 99.999% pure Al (Alcoa, Inc.,
Pittsburgh, PA), a 99.9% pure Al–1.3Sc master alloy
(Ashurst Technology Ltd., Baltimore, MD, and KB
Alloys, Inc., Reading, PA), and Al–1RE master alloys.
The RE master alloys were produced by non-consumable
electrode arc-melting from 99.999% pure Al and 99.9%
pure RE metals (Stanford Materials, Aliso Viejo, CA).
These were melted in a zirconia-coated alumina crucible
in a resistively heated furnace at 750 °C. The thoroughly
stirred melt was cast into a graphite mold preheated to
200 °C. The mold rested on a large ice-cooled copper-platen, and a propane ﬂame heated the exposed cast metal
at the top of the mold. These measures were employed to
encourage directional solidiﬁcation of the ingots, to promote a uniform composition near the mid-length of the
cylindrical ingots, which have a diameter of approximately
1 cm and a length of approximately 10 cm, and to discourage the formation of shrinkage cavities. Chemical compositions of arc-melted master alloys and homogenized dilute
alloys were measured by direct-current plasma mass-spectroscopy (DCPMS) by ATI Wah Chang (Albany, OR).
Specimens were removed from near the mid-length position of the cast ingots, where the composition was mea-

135

sured by DCPMS. The specimens were homogenized in
air at 640 °C for 72 h and then water quenched to ambient
temperature. Aging was performed at 300 °C for various
times, and was terminated by a water quench to ambient
temperature. Molten salt (NaNO2–NaNO3–KNO3) baths
were used for aging durations of 30 min or less to ensure
rapid heat transfer, while longer aging experiments were
performed in air. Vickers microhardness measurements
were performed at ambient temperature using a 200 g load
applied for 5 s on specimens ground to a 1 lm surface ﬁnish. Twenty indentations per specimen were made including
several grains.
Specimens for three-dimensional (3-D) local-electrode
atom-probe (LEAP) tomography [33–35] were prepared
by cutting blanks with a diamond saw to approximate
dimensions of 400 lm  400 lm  1 cm. These were then
electropolished to an atomically sharp point using a solution of 10% perchloric acid in acetic acid, followed by a second solution of 2% perchloric acid in butoxyethanol. The
specimens were dissected on atom-by-atom and atomicplane-by-plane bases employing a LEAP 3000X Si (Imago
Scientiﬁc Instruments, Madison, WI) at 30 ± 2 K using
1.5 nJ pulses of green laser light at a pulse repetition rate
of 500 kHz (Appendix A), resulting in an eﬀective pulse
fraction of 15%. Three-dimensional tomographic reconstructions were created, and quantitative analyses of the
data were performed using IVAS version 3.2.1 (Imago Scientiﬁc Instruments). The distance scale parallel to the long
axis of a tip is calibrated using the low-index poles, where
the atomic planes are resolvable. The reconstruction
parameters were modiﬁed such that the measured interplanar spacing near the low-index poles matches to within 5%
the correct value for Al. At least two of the following lowindex poles were used for each dataset, depending on the
orientation of the tip axis relative to the crystallographic
orientation: h1 1 1i, h0 0 2i, h0 2 2i, h1 1 3i, h0 2 4i and
h2 2 4i. The distances in the orthogonal directions are veriﬁed by comparing the atomic density to the value for Al,
employing a detection eﬃciency of 0.55. Evaporation-ﬁeld
values giving the correct reconstructed geometry varied
between 11 and 16 V nm1. For electrical pulsing the value
is 19 V nm1 for Al at 78 K [36]. The smaller estimated values we obtain are probably due to tip heating [37], and also
indicate that the degree of heating was variable due to differences in tip geometry, such as shank angle.
3. Results
3.1. Composition
The alloy compositions are displayed in Table 1. The
bulk composition was measured by DCPMS for specimens
in the as-homogenized condition, and corresponds to a volume of material 0.3 cm3. Impurity concentrations for Fe
and Si, which can alter the nucleation kinetics of the Scand RE-containing precipitates, were measured to be less
than 50 at. ppm. The local composition measurements were
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Table 1
Composition (at.%) of six Al–Sc–RE alloys, as determined by directly coupled plasma mass spectroscopy (DCPMS) and by LEAP tomographic
spectrometry.1
Alloy

Al–Sc2
Al–Sc2
Al–Sc–Tb
Al–Sc–Ho
Al–Sc–Tm
Al–Sc–Lu
1
2
3

Bulk composition (DCPMS)

Local composition (LEAP)

Sc

RE

Sc + RE

Specimen aged 10 min

Specimen aged 24 h

Sc

RE

Sc

RE

0.060(6)
0.082(6)
0.054(2)
0.054(4)
0.055(2)
0.0532(6)

–
–
0.023(9)
0.022(9)
0.0170(2)
0.0172(2)

0.060(6)
0.082(6)
0.076(9)
0.076(9)
0.072(2)
0.0704(6)

0.0571(8)3
0.086(1)3
0.0564(6)
0.0608(6)
0.0678(7)
0.0660(6)

–
–
0.0032(2)
0.0065(2)
0.0141(3)
0.0217(3)

–
–
0.0529(6)
0.0624(6)
0.0787(7)
0.0734(7)

–
–
0.0024(2)
0.0083(2)
0.0124(3)
0.0156(3)

Uncertainty corresponds to 2 standard deviations (SD), and is given in parenthesis after the least signiﬁcant digits to which it applies.
Data from Ref. [30].
LEAP spectrometry (local composition) was performed on a specimen in the as-homogenized condition.

obtained by 3-D LEAP tomographic spectrometry on specimens for two aging conditions, and correspond to a volume of approximately 106 nm3. The compositions of the
datasets measured by 3-D LEAP tomography are calculated by dividing the number of atoms of each species by
the total number of atoms in the dataset, making a correction for background subtraction in the mass-to-charge
state (m/n) ratio spectra. The statistical uncertainty in concentration
is reported
as 2rc, where rc is calculated as
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
ﬃ
p
C i ð1  C i Þ=N total [38]. Here, Ci is the atomic fraction of
element i and Ntotal is the total number of atoms detected.
As a baseline comparison, data from prior work [30],
including binary Al–0.06Sc and Al–0.08Sc alloys, are also
included in Table 1. For these binary alloys, the composition measurements by 3-D LEAP spectrometry were conducted on specimens in the as-homogenized condition
using electrical pulsing.
The RE concentrations for the Al–Sc–Tb and Al–Sc–Ho
alloys are smaller when 3-D LEAP spectrometry is used
compared to DCPMS (Table 1). Despite the small concentrations of RE in these alloys (nominally 0.02), observation
by scanning electron microscopy (SEM)/energy dispersive
X-ray spectroscopy (EDX) in the as-homogenized condition revealed the presence of Sc- and RE-rich primary precipitates several micrometers in diameter, indicating that
for Al–0.06Sc–0.02Tb and Al–0.06Sc–0.02Ho, the solute
concentrations exceed the solubility limits of Sc + RE in
a-Al at 640 °C. For comparison, the maximum solubilities
of Sc, Yb and Er in binary Al–X alloys are 0.23 [39], 0.0248
[31] and 0.0461 [40], respectively. The two composition
measurements of Al–Sc–RE alloys by 3-D LEAP spectrometry were performed on specimens aged for 10 min
and 24 h, which were separated by a distance of several
centimeters in the casting of their origin, and illustrate
the degree of variability in the casting composition, which
is typically several tens of at. ppm (Table 1).
3.2. Microhardness evolution
Vickers microhardness is plotted as a function of aging
time at 300 °C in Fig. 1. Data for the binary Al–Sc alloys

are from prior work. All of the alloys display the basic
characteristics of precipitation-hardening behavior: (a)
an incubation period; (b) an increase in microhardness
during which second-phase precipitates nucleate from a
supersaturated solid-solution and grow; (c) a period of
maximum hardness; and (d) over-aging, characterized by
a slow decrease in microhardness as the precipitates grow
and coarsen. For all alloys, the addition of 0.02Sc or
0.02RE to an Al–0.06Sc alloy increases the maximum
microhardness of the aged alloys, from 350 HV to
between 490 HV for Tb and 590 HV for Tm, and up to
630 HV for Sc. The maximum microhardness values of
Al–Sc–Tm and Al–Sc–Lu are slightly less than that of
Al–0.08Sc, in accordance with their total solute concentration, which is 100 at. ppm. lower (Table 1). The peak
microhardness values of the Al–Sc–Ho and especially the
Al–Sc–Tb alloys are smaller than for the binary Al–
0.08Sc alloy due to the small solubilities of these REs in
a-Al, Table 1, which depletes the solid-solution and hence
the precipitating phase of a signiﬁcant fraction of the
strengthening solute.
The substitution of 0.02Sc with a RE in Al–0.08Sc
causes a decrease in the incubation time: Al–Sc–Tm begins
age hardening after less than 30 s, and the other ternary
alloys all exhibit unambiguous increases in hardness by
5 min. By comparison, Al–0.08Sc begins to age harden
between 15 and 60 min. Furthermore, the ternary alloys
display, to varying degrees, evidence of two distinct
microhardness increase steps, with a ﬁrst microhardness
plateau between 5 and 60 min, and a second plateau in
microhardness occurring between 2 and 24 h. The Al–
Sc–Tm alloy is the only one whose age-hardening curve is
suﬃciently free of scatter to observe clearly a ﬁrst distinct
microhardness plateau between 5 and 15 min, and it also
reaches a maximum microhardness most rapidly, after
2 h. The binary Al–0.08Sc alloy reaches its microhardness
maximum after 6 h, as compared to 4 h for Al–Sc–Lu,
Al–Sc–Tb and Al–Sc–Ho. The sampling resolution in aging
time is not suﬃcient to claim unambiguously a diﬀerence in
the aging time to peak microhardness for the Al–0.06Sc–
0.02RE alloys compared to Al–0.08Sc.
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Fig. 1. Vickers microhardness vs. aging time for ternary Al–0.06Sc–0.02RE and binary Al–0.06Sc and Al–0.08Sc (from our prior research [30]) aged at
300 °C. Error bars correspond to 2 SD.

3.3. 3-D LEAP tomographic analyses
3-D LEAP tomographic reconstructed datasets are displayed in Fig. 2a and b for the Al–Sc–Tb and Al–Sc–Tm
alloys, for 10 min and 24 h aging conditions, respectively.
The higher evaporation ﬁeld of the trialuminide phase
compared to the a-Al matrix results in a local-magniﬁca-

tion eﬀect, causing a spreading of precipitate atoms in the
directions orthogonal to the analysis direction [41–43],
which is visible in the reconstructed datasets. Although
only Al–Sc–Tb and Al–Sc–Tm are shown, for all four
Al–Sc–RE alloys, precipitates rich in Sc and REs are
observed in the datasets for 10 min aging, accounting for
the initial increase in hardness. After 24 h aging, the precip-

Fig. 2. Three-dimensional LEAP tomographic reconstructions of Al–0.06Sc–0.02Tb and Al–0.06Sc–0.02Tm aged for: (a) 10 min and (b) 24 h at 300 °C.
Each reconstruction is divided into three sections, with Sc atoms only displayed in the leftmost section, RE atoms only displayed in the center section, and
both Sc and RE atoms displayed in the rightmost section.
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itates exhibit a core–shell structure with the REs partitioning strongly to the core, which is surrounded by a Sc-rich
shell. Proximity histograms (proxigrams) [44], which give
the local concentration as a function of distance from a
matrix/precipitate interface averaged over all observed precipitates (between 24 and 86 for these datasets) are shown
for precipitates formed after aging for 10 min and 24 h in
Fig. 3. They are calculated based on 3 at.% Sc + RE isoconcentration surfaces. Precipitate average compositions
are shown as a function of the atomic number of the RE
addition (Fig. 4), and are calculated by counting all atoms
interior to the matrix–precipitate interface, deﬁned here as
the location of the inﬂection point of the Al concentration
curve. Data for Al–0.06Sc–0.02RE, where RE is Gd, Dy,
Er or Yb, were generated from experiments performed during a prior investigation [30].
Precipitate statistics were measured from the APT
reconstructions (Table 2). The volume fraction, u, of precipitates is calculated from the diﬀerence in total and
matrix solute concentrations, and assuming that the
amount of solute no longer in the a-Al matrix resides in
a stoichiometric trialuminide precipitated phase [45]. The
lattice parameter of the precipitated phase is approximated
by that of Al3Sc (4.103 Å [39]), and the lattice parameter of
the a-Al matrix is approximated by that of pure Al (4.0496
Å [46]). This approach has the advantage of being insensitive to the deﬁnition of where the a-Al/precipitate interface
is located. The number density of precipitates, NV, is calculated by counting the number of precipitates included in
the analyzed volume (precipitates bisected by boundary
of the analysis volume are counted as half of a precipitate),
and dividing by the volume of material, which is inferred
from the total number of atoms. The average precipitate
radius, hRi, is calculated from the precipitate size distribution (PSD), obtained by applying a modiﬁed envelope
method to the datasets [47], and approximating the precipitates as spheres. In the determination of hRi, precipitates
bisected by the boundary of the dataset are excluded. Stan-

dard methods for error propagation were employed in calculating the quantities in Table 2 [48].
The PSDs for all alloys, for 10 min and 24 h aging conditions, are shown in Fig. 5, in which the solid vertical bars
are the experimental data, and the continuous curves are
the Brailsford–Wynblatt (BW) model steady-state PSD
[49]. The BW-PSD results from a u-dependent model based
on an eﬀective-medium approach in which the net eﬀect of
solute adsorption and emission from a randomly distributed array of precipitates is approximated as sources and
sinks of solute that are homogeneously distributed
throughout the matrix [49,50]. Considering the small number of precipitates measured in some cases, and considering
that, at 10 min aging time, u is still evolving (indicating
that steady-state coarsening has not yet been achieved),
the BW model of precipitate coarsening provides a reasonable prediction of the measured PSDs. Two exceptions are
Al–0.06Sc–0.02Ho at 10 min and Al–0.06Sc–0.02Tb at 24 h
for which 39 and 24 precipitates were measured, respectively. These datasets have narrower and more sharply
peaked PSDs than predicted by the BW coarsening model.
In general, agreement between the PSDs measured in the
present work and those predicted by the BW model of precipitate coarsening tends to improve with an increasing
number of precipitates.
4. Discussion
4.1. Aging microhardness response
An important feature of the age-hardening data (Fig. 1)
is the diﬀerent responses of the ternary Al–0.06Sc–0.02RE
alloys compared to the binary Al–0.08Sc alloy at early
aging times, <1 h. Scatter in the data at short aging times
may be due to local concentration ﬂuctuations of the
REs (Table 1), which, although only tens of at. ppm,
may constitute a large fraction of the total RE content of
these dilute alloys. In all cases, the ternary alloys exhibit

Fig. 3. Proximity histograms of precipitates in Al–0.06Sc–0.02RE aged at 300 °C for: (a) 10 min and (b) 24 h. Error bars correspond to 2 SD.
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apparent from Fig. 2. Because the alloys are in either a
nucleation or nucleation and growth regime during the initial period of hardening, it is useful to consider the following implications of classical nucleation theory [51,52]:
1. The larger the a-Al/precipitate interfacial free-energy,
ca/b, the longer the incubation time and the smaller the
nucleation current (number per unit volume per unit
time).
2. The larger the excess chemical free-energy of a supersaturated alloy and the smaller the coherent elastic strainenergy of a precipitate, the shorter the incubation time
and therefore the larger the nucleation current.
3. The larger the diﬀusivity, D, of a solute species, the
shorter the incubation time and the larger the nucleation
current.

Fig. 4. Solute concentrations (atomic fraction CSc, CRE) of the
Al3(ScxRE1x) precipitates formed in Al–0.06Sc–0.02RE aged at 300 °C
for: (a) 10 min and (b) 24 h; and (c) solute concentration ratios (CRE/CSc)
of precipitates formed after aging for 10 min and 24 h. The curves drawn
in these plots are intended to be approximate guides for the eye.
Precipitate interfaces are deﬁned as the inﬂection point of the Al
concentration curve. Data for Al–0.06Sc–0.02RE (RE = Gd, Dy, Er or
Yb) were generated from experiments performed during a prior study [30].
Error bars correspond to 2 SD.

an increase in microhardness much earlier than the binary
Al–0.08Sc alloy. In the ternary alloys, the number density
of precipitates is NV  1022 m3 after only 10 min (Table
2). The proxigrams in Fig. 3 and the precipitate compositions displayed in Fig. 4 indicate that the precipitates
formed after 10 min are composed predominantly of
Al3(RE1xScx), with a minority concentration of Sc. That
the precipitates formed after 10 min are RE-rich is also

The interfacial free-energy, the excess chemical freeenergy for nucleation, and the diﬀusivities of the RE elements in a-Al are unknown for the ternary alloys studied.
In two recent studies, using APT, the coarsening kinetics
parameters for dilute binary Al–Yb and Al–Er alloys
[31], and a ternary Al–0.06Sc–0.02Er alloy [40] at 300 °C
were used to measure ca/b and DRE. Data concerning the
Al–Yb system are of particular interest because the incubation time of Al–0.06Sc–0.02Yb is very short: a microhardness increase and clustering of Yb atoms are observed in
the as-homogenized and quenched state [30,53]. Al–
0.06Sc–0.02Er, by contrast, behaves similarly to Al–
0.08Sc, with an incubation time of 10–30 min [30]. The aAl/Al3Yb interfacial free-energy was determined to be
0.6 ± 0.3 J m2, that of the a-Al/Al3Er interface to be
0.4 ± 0.2 J m2 [31]. For core–shell precipitates in the ternary Al–0.06Sc–0.02Er alloy, where Er partitions to the
core and Sc partitions to the shell, the a-Al/Al3(Sc1xErx)
interfacial free-energy is 0.5 ± 0.2 J m2 [40]. These values
are larger than the a-Al/Al3Sc interfacial free-energy, calculated to be 0.14–0.20 J m2 [54] (with supporting highresolution electron microscopy observations of Al3Sc precipitate faceting [3]), and measured from coarsening and
electrical resistivity data to be 0.214–0.224 J m2 [55].
Thus, if the incubation time is mainly controlled by the
interfacial free-energy, the RE-containing alloys would
have longer incubation periods than the binary Al–0.08Sc
alloy, which is not observed.
The diﬀusivities of Yb and Er in a-Al at 300 °C were
determined to be DYb = 6 ± 2  1017 m2 s1, and
DEr = 4 ± 2  1019 m2 s1 utilizing APT [31]. These diﬀusivities are both considerably greater than the diﬀusivity of
Sc in a-Al at 300 °C (DSc = 9  1020 m2 s1 [56]). For a
ternary Al–Sc–Er alloy, the diﬀusivities of Sc and Er at
300 °C are found to be DSc = 6 ± 3  1020 m2 s1 and
DEr = 9 ± 6  1022 m2 s1 [40]. This value of DEr is more
than two orders of magnitude smaller than that reported
for the binary Al–Er study [31], and is also approximately
two orders of magnitude smaller than DSc. A large diﬀerence in the diﬀusivities of Yb and Sc (three orders of
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Table 2
Experimental precipitate statistics, and calculated critical precipitate radii for coherency loss Rt at the a-Al/Al3(Sc,RE) interface.1
Alloy

Al–Sc–Tb

Aging time, t (h)
Number density, NV (1022 m3)
Volume fraction, u (103)
Average radius, hRi (nm)
Critical radius, Rt (nm) (at 300 °C)
Rt (nm) (at 27 °C)

0.17
0.8(3)
0.25(4)
1.8(6)
5.4
4.5

1

Al–Sc–Ho
24
1.2(5)
2.25(3)
3(1)
18.9
12.1

0.17
1.8(5)
0.46(4)
1.7(7)
5.3
4.4

Al–Sc–Tm
24
5(1)
2.79(1)
2(1)
18.9
12.1

0.17
7(3)
1.2(2)
1.5(5)
4.9
4.1

Al–Sc–Lu
24
5(2)
2.66(9)
2.1(8)
18.9
12.1

0.17
5(2)
1.74(9)
1.6(6)
5.5
4.5

24
7(2)
3.41(5)
2.1(9)
18.9
12.1

Uncertainty corresponds to 2 SD, and is given in parenthesis after the least signiﬁcant digits to which it applies.

Fig. 5. Precipitate size distributions (PSDs) for Al–0.06Sc–0.02RE aged at 300 °C for 10 min and 24 h, as represented by solid vertical bars. The
Brailsford–Wynblatt model steady-state PSDs are displayed as continuous curves for comparison.

magnitude) is most likely responsible for the short incubation time for the ternary Al–0.06Sc–0.02Yb alloy compared
to the binary Al–0.08Sc alloy. By contrast, a diﬀerence of
one order of magnitude in the diﬀusivities of Er and Sc
does not produce a signiﬁcant diﬀerence in the incubation
time for the ternary Al–0.06Sc–0.02Er alloy compared to
the Al–0.08Sc alloy [30]. If the total change in free energy
associated with nucleation, (DFch + DFel), is assumed to

be similar for Al–0.08Sc and Al–0.06Sc–0.02RE, then
DRE is the determining factor for the incubation periods
of Al–0.06Sc–0.02RE alloys aged at 300 °C. The incubation times and thus the early age-hardening behavior of
the present Al–0.06Sc–0.02RE (where RE = Tb, Ho, Tm
or Lu) fall between those of Al–0.06Sc–0.02Yb and Al–
0.06Sc–0.02Er, suggesting that DEr < DRE < DYb. Ref.
[30] indicates that the diﬀusivity of Yb in a-Al is
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anomalously high among the REs explored, based on the
shorter incubation time of the Al–0.06Sc–0.02Yb alloy
compared to Al–0.08Sc alloy as well as the other Al–
0.06Sc–0.02RE alloys studied. The present study demonstrates that a short incubation time for Al–0.06Sc–
0.02RE compared to Al–0.08Sc, and therefore a large diffusivity in a-Al relative to that of Sc, is not unique to
Yb, but is shared to varying degrees by Tb, Ho, Tm and
Lu.
With the exception of Al–Sc–Tm, which achieves its
peak microhardness after only 2 h, all the alloys reached
their peak microhardness values after 4–6 h. The Ho- and
Lu-containing alloys exhibit a cross-over point after 1 h:
at shorter aging times the aging response of these ternary
alloys renders them harder than Al–0.08Sc, while for
longer aging times the greater peak strength of Al–0.08Sc
is dominant. In the case of Al–Sc–Tm, the cross-over point
occurs after 5 h, due to the early increase in microhardness of this alloy, which accelerates the hardening kinetics,
eﬀectively shifting the portion of the curve between the initial increase and the peak to earlier times with respect to
the Al–0.08Sc. For Al–Sc–Tb, the cross-over point is earlier, as a result of its lower peak microhardness.
4.2. Precipitation strengthening
Because precipitate statistics of the Al–Sc–RE alloys are
available at the two aging states for which LEAP tomographic analyses were performed, we can discuss the relationship between microstructure and microhardness
increase. It is possible to estimate the precipitate radius
at which coherency is lost. Equating the energy of an interfacial dislocation network with the reduction in strain-ﬁeld
energy resulting from a loss of coherency yields the transition radius, Rt [57,58]:
Rt ¼

3cdis ð1  mÞ
;
2ld2 ð1 þ mÞ

ð1Þ

where l and m are the shear modulus and Poisson ratio of
the matrix, respectively, d is the lattice parameter misﬁt between the precipitate and matrix, and cdis is the energy of
the interfacial dislocation network per unit area, expressed
as:
h
io
1
1
lb n
cdis ¼ 2 1 þ b  ð1 þ b2 Þ2  b ln 2bð1 þ b2 Þ2  2b2
2p
ð2Þ
where b is the magnitude of the Burgers vector in the a-Al
0
0
matrix, and the parameter b is given by pd /(1  m), where d
is the reduction in lattice parameter misﬁt due to introducing misﬁt dislocations [57,58]. This simple calculation is expected to yield a lower bound for Rt, since dislocations
need to be nucleated at a coherent interface [59], and this
model does not account for this fact. Experimental observations of Rt at elevated temperature (>400 °C) for a-Al/
Al3Sc range from 14 to 25 nm, with 20 nm being typical
[3,7,8,55,60–62], and are consistent with the results of this
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analysis, which predicts a Rt value of 25 nm at 400 °C.
For the 10 min aging time the precipitate lattice parameters
for the Al–Sc–RE alloys are chosen assuming they are binary Al3RE (without Sc) for Tm [63] and Lu [23,26]; for the
other two REs the lattice parameters are assumed to have
the minimum Sc concentration necessary to stabilize the
L12 structure, i.e. Al3(Sc0.57Tb0.43) and Al3(Ho0.72Sc0.28)
[28], and Vegard’s law is applied. For an aging time of
24 h, the precipitate shells in contact with the a-Al matrix
are nearly pure Al3Sc and its lattice parameter is used
[39]. Increases in temperature and in the a-Al solute concentration both aﬀect the lattice parameter mismatch,
and these are accounted for following Ref. [62], with the
simpliﬁcation that the concentrations of Sc and RE in the
a-Al matrix, measured by APT, have identical inﬂuences
on the misﬁt. Table 2 displays a comparison of the calculated Rt for coherency loss (Eq. (1)) and the experimentally
measured precipitate radii. As the experimentally measured
precipitate radii are signiﬁcantly smaller than the calculated transition radii, the precipitates are expected to be
coherent with the a-Al matrix. The calculated Rt of the
RE-containing precipitates are smaller than those of REfree precipitates by approximately a factor of 3, owing to
the larger lattice parameter misﬁt when the precipitates
contain RE [23,26,28,39,63]. The Rt value is larger at elevated temperatures because of the greater thermal expansion of a-Al as compared to Al3Sc [64,65].
Since the precipitates are expected to remain coherent,
models for ambient-temperature strengthening by coherent
precipitates apply. Following Refs. [4,5,19], the strength
increment for dislocation–precipitate interactions by order
strengthening (Drord), coherency and modulus strengthening (Drcoh + Drmod), and strengthening by the Orowan
bypass mechanism (DrOr), and the experimental strength
increment, estimated as DHV/3 (where DHV is the increase
in microhardness from the as-quenched state to the aged
state), are compared in Table 3 for all four alloys for
10 min and 24 h. For the calculated strength increments,
the materials property parameters of the a-Al matrix are
approximated by those of pure Al and for the precipitated
phases by those of Al3Sc. For coherency ordering, the lattice parameter mismatch is determined by assuming a stoichiometric trialuminide Al3(Sc, RE) phase and using the
Sc/RE concentration ratio at the precipitate interface,
deﬁned as the surface at which the concentration of Al
exhibits an inﬂection point. A linear interpolation is then
used between the two closest bounding phase compositions
for which lattice parameter data have been reported in
Refs. [23,28,63]. In calculating the strength increments,
errors were propagated from the precipitate statistics measurements (Table 2).
Strengthening by dislocation shearing of precipitates
(order strengthening, Drord) involves the creation of an
anti-phase boundary (APB) as well as the approach of a
dislocation to the a-Al/precipitate interface through its
strain ﬁeld (coherency and modulus mismatch strengthening, Drcoh + Drmod). Because these events occur in series,
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Table 3
Calculated and experimental strength increments for aged alloys.1
Alloy

Al–Sc–Tb

t (h)
Drord (MPa)
Drcoh + Drmod (MPa)
DrOr (MPa)
DHV/3 (MPa)

0.17
37(3)
105(14)
47(17)
36(6)

1

Al–Sc–Ho
24
112(1)
185(20)
101(45)
87(7)

0.17
50(2)
130(21)
67(34)
48(9)

Al–Sc–Tm
24
124(1)
187(21)
147(71)
107(15)

0.17
81(6)
180(25)
117(52)
63(14)

Al–Sc–Lu
24
121(2)
191(19)
147(60)
99(14)

0.17
98(3)
253(33)
138(56)
30(14)

24
137(1)
205(20)
168(68)
120(7)

Uncertainty corresponds to 2 SD, and is given in parenthesis after the least signiﬁcant digits to which it applies.

it is the largest of Drord or Drcoh + Drmod that is applicable
for deformation by precipitate shearing. As shearing and
bypass of precipitates by dislocations are parallel processes,
the process requiring the smaller stress is the operative one.
In each case, for both aging conditions, the Orowan bypass
mechanism is predicted to be operative, and with the exception of Al–Sc–Lu after 10 min aging, agreement between
the models and experiment is reasonable. For the a-Al/
Al3Sc system, the critical radius value at which the deformation mechanism changes from precipitate shearing to
an Orowan bypass mechanism was shown to be 1.5–
2.0 nm [4,5]. The experimental values of hRi range from
1.5 to 3.3 nm for the alloys in our study. It is therefore
not surprising that the experimentally measured strength
increments upon aging from the as-quenched state are
smaller than the predicted values, as both mechanisms
are likely active due to the ﬁnite width of the PSDs
(Fig. 5), whose standard deviations vary between 0.6 to
1 nm (Table 2). The peak hardness value of Al–Sc–Tb is
HV = 488 ± 29 MPa, which is signiﬁcantly smaller than
the peak microhardness values for Al–Sc–Ho
(HV = 556 ± 38 MPa), Al–Sc–Tm (HV = 586 ± 52 MPa)
and Al–Sc–Lu (HV = 570 ± 28 MPa) (Fig. 1). This result
may be understood in terms of the precipitate statistics.
At an aging time of 24 h, the Al–Sc–Tb alloy exhibits a precipitate number density NV = 1.2 ± 0.5  1022 m3 (compared to between 5 ± 2  1022 and 7 ± 2  1022 m3 for
the other alloys) and an average precipitate radius
hRi=3 ± 1 nm (compared to 2 nm for the other alloys).
The smaller NV value, and hence larger hRi value, for
Al–Sc–Tb compared to the other alloys results in a smaller
stress for dislocations to overcome precipitates by the Orowan bypass mechanism, and therefore a smaller peak
microhardness value.
4.3. Precipitate compositions
In Fig. 2, it is clear that after 24 h aging, a core–shell
structure has developed, with Tb or Tm partitioning
strongly to the precipitate cores, while the surrounding
shell is Sc-rich. This is also apparent in the 24 h aging proxigrams (Fig. 3), which exhibit the same behavior for Al–Sc–
Ho and Al–Sc–Lu. Comparison of the proxigrams for the
10 min and 24 h aging times reveals a noticeable evolution
of the precipitate structures and compositions. After
10 min aging, although the beginning of a core–shell structure is evident with a peak in Sc concentration near the

a-Al/precipitate interface, the precipitates contain predominantly REs. After 24 h aging, however, the precipitates
contain more Sc than REs (Fig. 4) and the core–shell structure is well developed. APT experiments at longer aging
times are necessary to determine if this eﬀect is kinetic in
origin, owing to the early precipitation of RE-rich precipitates and their subsequent engulfment by the slower-diﬀusing Sc atoms, or if the structure has achieved its
thermodynamic equilibrium state, which is unlikely. The
lattice parameters of Al3Tm (4.203 Å [63]) and Al3Lu
(4.191 Å [23]) are both larger than that of Al3Sc (4.103 Å
[39]). Although Tb and Ho do not form stable L12 phases
with Al unless some Sc is present to stabilize the structure,
addition of Tb or Ho to Al3Sc results in an increased lattice
parameter [28]. Consequently, partitioning of RE elements
at the precipitate core results in a conﬁguration that minimizes the lattice parameter misﬁt across the core–shell and
shell–matrix interfaces, which reduces the free-energy
resulting from lattice strain. Other considerations in the
system energetics, such as relative free energies of the aAl/Al3RE, Al3RE/Al3Sc and a-Al/Al3Sc heterophase interfaces, and substitutional energies for REs on the Sc sublattice in Al3Sc, may also play a role in producing the core–
shell structure, but are not addressed here, as they require
ﬁrst-principles calculations.
The ratio of solute concentrations in the precipitates,
CRE/CSc, increases systematically with increasing RE
atomic number, from Gd to Lu, for both the RE-rich precipitates at 10 min aging time, and for the Sc-rich precipitates after 24 h aging (Fig. 4c). At an aging time of 24 h,
CEr/CSc is smaller than would be anticipated from this
trend. Among the late lanthanoids (Er–Lu), which have full
solubility in Al3Sc, Er is unique as Al–0.06Sc–0.02Er does
not exhibit a shorter incubation time at 300 °C than Al–
0.08Sc. The longer incubation time for Al–0.06Sc–0.02Er
may be due to a diﬀusivity of Er in a-Al that is smaller
than, or comparable to, the Sc diﬀusivity [31,40,56] (and
smaller than that of the other late lanthanoids), or to a larger free energy of formation of a nucleus that prolongs the
incubation period. In either case, precipitates that form in
Al–0.06Sc–0.02Er do not begin as an Er-rich trialuminide
which through a Sc addition become subsequently Sc-rich
[40], as is the case for the other late lanthanoids. As equilibrium is approached at longer aging times, the slower-diffusing Er atoms migrate to the precipitates, increasing the
Er concentration of those precipitates, thereby also increasing CRE/CSc [40]. The overall trend of increasing CRE/CSc is
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consistent with the trend of increasing miscibility of the
Al3RE and Al3Sc phases with increasing RE atomic number [23]. Other factors may be contributing to this eﬀect
as well, such as electronic interactions between the RE
and Sc in the a-Al matrix, elastic eﬀects arising from the
lattice parameter mismatch which varies with atomic number of RE addition [26], or diﬀerences in their diﬀusivities.
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Appendix A. Laser energy selection

5. Conclusions
Four ternary Al–0.08Sc–0.02RE alloys (at.%, RE = Tb,
Ho, Tm or Lu) were cast, homogenized at 640 °C, and aged
at 300 °C, resulting in nanoscale Al3(ScxRE1x) precipitates responsible for increases in microhardness. The
microstructures of the alloys aged for 10 min and 24 h were
investigated by 3-D LEAP tomography, yielding the following conclusions:
 The Al–Sc–RE alloys all exhibit a precipitation-hardening response characterized by the four classical stages of
incubation, under-aging, peak-aging and over-aging.
The peak microhardness values of Al–Sc–Tb and Al–
Sc–Ho were lower than the other two ternary alloys
and the Al–0.08Sc alloy, due to the smaller volume fraction of the precipitated phase, resulting from the inability to fully solutionize the alloys.
 The incubation period is shorter in the four ternary alloys
than in the binary Al–0.08Sc alloy, despite the smaller
total solute concentrations in the ternary alloys. Al–Sc–
Tm has the shortest incubation period of all investigated
alloys (the microhardness increases by 65% after 2 min
aging), and displays evidence, together with the other
three binary alloys, of a bimodal microhardness increase,
as was observed earlier for Al–Sc–Yb [30]. By analogy to
this system, it is likely that the REs in this study have
larger diﬀusivities in a-Al at 300 °C than does Sc.
 Trialuminide Al3(RE1xScx) precipitates, which form at
10 min aging time and are responsible for the ﬁrst hardness peak, contain a larger RE concentration than Sc.
At 24 h aging time (near the second microhardness
peak), the Al3(Sc1xREx) precipitates have grown, they
contain a larger Sc concentration than RE, and they
have a core–shell structure with the REs partitioning
strongly at the cores of the precipitates.
 Through at least 24 h aging time, the precipitates are
expected to remain coherent with the a-Al matrix. Simple strengthening models predict that dislocations
bypass the precipitates by the Orowan strengthening
mechanism at both the 10 min and 24 h aging times,
and exhibit reasonable agreement with experimentally
measured microhardness values.
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Accurate and quantitative compositional analyses performed employing APT with electrical pulsing depends
on the experimental conditions, including crystallographic
orientation [66,67], evaporation rate [68], specimen temperature and pulse fraction [69]. After careful studies of these
experimental variables, which are speciﬁc to the system
being studied, it is possible to perform reliable quantitative
APT analyses [70,71]. Although pulsed-voltage APT is a
technique that continues to be used, pulsed laser atomprobe (PLAP) tomography oﬀers a number of distinct
advantages, including allowing APT analysis of materials
with poor electrical conductivities [36,72–74], and a high
mass resolving power (m/Dm) if care is taken to select optimal laser pulse parameters [75,76]. Also, whereas pulsedvoltage APT results in the specimen being subjected to a
cyclical stress state, PLAP tomography is conducted at a
steady-state voltage resulting in a static stress state, which
extends the life of a specimen, thereby increasing the size of
the data sets.
Because the laser pulse energy can have a signiﬁcant
eﬀect on the quality of the data collected, including the
accuracy of the measured composition [77], it is critical
to select the optimal laser pulse energy. To determine an
appropriate laser pulse energy, a specimen was prepared
from Al–0.06Sc–0.02Lu in the homogenized and quenched
condition, which is assumed to be representative of the
dilute alloys studied. The conditions of ﬁeld evaporation
are identical to those described in Section 2 (T = 30 K,
pulse repetition rate = 500 kHz), except that the laser
energy was varied from 0.5 to 5 nJ pulse–1, to assess its
eﬀect on the measured composition. The evaporation rate
was maintained at 3%, and the steady-state voltage was
4.0–4.4 kV (PLAP) and 5.0–5.2 kV (voltage pulsing). The
same micro-tip was used for all measurements, which consisted of datasets of 5  106 ions each. The PLAP datasets
were collected in order of increasing laser energy. The data
set at zero laser energy corresponds to voltage pulsing at a
pulse fraction of 15%; this was the last dataset collected,
directly following the 5 nJ pulse–1 data set.
The measured alloy composition as a function of laser
energy is presented in Fig. A1. The error bars correspond
to 2 SD. The concentrations of Sc and Lu measured by
PLAP are constant in the range of 0.5–5 nJ pulse1. The
concentration of Sc is approximately constant at
622 ± 24 to 646 ± 24 at. ppm, and the concentration of
Lu varies from 173 ± 14 to 210 ± 16 at. ppm. The measured Sc concentration using voltage pulsing is 617 ± 24
at. ppm and that of Lu is 168 ± 14 at. ppm; both values

144

M.E. Krug et al. / Acta Materialia 58 (2010) 134–145
[8]
[9]
[10]
[11]
[12]
[13]
[14]

800

Sc (PLAP)

Measured Concentration (at. ppm)

700
600

Sc (voltage pulsing)

500

Sc (DCP-MS)

400

[15]

Lu (voltage pulsing)
Lu (PLAP)

300

[16]
[17]
[18]

200

Lu (DCP-MS)

100

0

0

1

2

3

4

5

6

Laser Pulse Energy (nJ)
Fig. A1. Measured composition of Al–0.06Sc–0.02Lu as a function of
laser energy per pulse. The analysis temperature was 30 ± 2 K. The data at
0 nJ correspond to a dataset collected using voltage pulsing, at a pulse
fraction of 15%. Dashed lines indicate the results of bulk chemical analysis
by DCPMS. The thicknesses of the dashed lines correspond to the
measured DCPMS compositions ±2 SD. Black arrows mark the laser
energy used in the present work: 1.5 nJ pulse1.
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are within the corresponding concentrations measured by
PLAP to within 2 SD. No systematic or signiﬁcant variation in concentration with laser energy occurs between
0.5 and 5 nJ pulse1. The bulk concentrations of Sc and
Lu, as determined using DCPMS (Table 1, Section 3.1)
are displayed in Fig. A1, as dashed lines, the thicknesses
of which correspond to ± 2 SD in the measurements. The
Sc concentration as determined by DCPMS is smaller than
the Sc concentration as determined by PLAP or voltagepulsed APT, but this is not true of the Lu concentration,
which is nearly identical for all methods. The smaller Sc
concentration, when measured by DCPMS, is expected to
be a result of the larger sampling volume with this technique compared to APT or PLAP: DCPMS is insensitive
to composition ﬂuctuations at the nanometer scale, while
these ﬂuctuations are measurable by APT/PLAP. The laser
energy used for all results presented in the main text is 1.5
nJ pulse–1; this yields accurate and quantitative compositional results.
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